The current work presents the results of a study of the thermal stability of metastable ω-Ti(Fe) produced by a high-pressure torsion process and describes the phase transformations of ω-Ti(Fe) upon heating. The titanium alloys under study contain between 1 and 7 wt% of iron, the phase transitions are investigated using a combination of in situ high-temperature X-ray diffraction and differential scanning calorimetry. The high-temperature X-ray diffraction reveals the phase sequence ω ! α' ! α þ β ! β upon heating. The differential scanning calorimetry shows that the first phase transformation is exothermal and that the temperature of this phase transition is independent of the iron concentration within the composition range under study. Subsequent phase transitions are endothermal and the respective transition temperatures depend on the iron concentration. The differences between the phase stabilities conclude from the phase diagram and the phase stabilities observe experimentally are explained by the partial coherence of the α/α 0 -Ti and β-Ti grains.
Introduction
Titanium alloys exhibit high strength, low density, and excellent corrosion resistance, thereby making them attractive for a variety of applications. [1] Nevertheless, new approaches are still required to further improve the properties of these materials. In particular, the mechanical properties of Ti-based alloys can be further improved via severe plastic deformation (SPD).
[2,3] The SPD methods enable the production of bulk, nanostructured materials with unique mechanical properties, but they may also induce undesirable phase transformations and other concomitant microstructure changes. [4] [5] [6] [7] [8] For titanium and titanium alloys, the initiation of phase transformations by high-pressure torsion (HPT), which is one of the SPD techniques, was already reported in literature. [9] [10] [11] [12] [13] [14] However, thermal stability studies of the of the HPT-induced phases in Ti-based alloys are scarce. [15, 16] Titanium exhibits three allotropic modifications: the low-temperature α-Ti phase with the space group (SG) P6 3 / mmc, the high-temperature β-Ti phase (SG: Im3 m) and the high-pressure ω-Ti phase (SG: P6/mmm). In the Ti-Fe system, several metastable phases were reported, which form as a result of quenching from the bcc-type β solid solution. [17] For low Fe contents ( 5 wt% Fe), the hexagonal close packed α 0 -martensite (SG: P6 3 /mmc) can be obtained after quenching, [17] [18] [19] [20] whereas in a limited compositional range between 3 and 5 wt% Fe, the formation of athermal ω-Ti(Fe) (SG:
P6/mmm) was reported. [20] [21] [22] [23] [24] [25] At higher Fe contents, the β phase remains as a metastable phase in the samples after quenching. In Ti-Fe alloys subjected to HPT, the compositions at which the high-pressure ω phase exists are usually extended. Recently, a stabilization of the ω phase in these alloys containing between 0.5 and 4 wt% Fe was reported to be a product of the phase transitions α 0 ! ω and β ! ω driven by HPT. [10, 11] In a Ti-Fe alloy with an iron content of 1 wt%, the ω phase was found to be present with the hexagonal α/α 0 phase. On the other hand, the microstructure of the Ti-Fe alloys after the HPT process containing 4 wt% Fe consisted almost solely the ω phase. [10, 11, 13] Still, very little is known about the high-temperature stability of metastable phases in the Ti-Fe system, and there is almost no information about the stability of ω-Ti(Fe). For example, only two alloy compositions (1 and 10 wt% Fe) were investigated by means of thermal analysis. [13] Furthermore, the transformation pathway upon heating starting from a highly deformed SPD state was not described yet. Therefore, in the present contribution, the microstructure changes of Ti-Fe alloys (ranging from 1 to 7 wt% Fe), which were observed during in situ high-temperature XRD (HTXRD) experiments, are correlated with the thermal behavior concluded from the thermal analysis measurements.
Experimental Section
Ti-Fe alloys containing 1, 2.2, 4, and 7 wt% Fe were prepared by inductive melting of high purity materials (99.9% Ti and 99.97% Fe). The melt was cast into a water-cooled copper crucible having a diameter of 10 mm. The as-cast cylinders were cut into disks with a thickness of approx. 1 mm. The disks were polished, etched, and placed in silica ampoules. The ampoules where then evacuated to a residual pressure of 4 Â 10 À4 Pa, sealed and annealed. The annealing temperatures were chosen to lie above the T 0 -line (cf. Figure 1) , that is, 950 C for Ti-1Fe, 800 C for Ti-2.2Fe and Fe-4Fe, and 580 C for Ti-7Fe. The annealing times were 100, 120, 237, and 840 h, respectively. After annealing, the samples were quenched from the heat treatment temperature by immersing directly into water at room temperature. Following this, the samples were deformed by high-pressure torsion (HPT) in a Bridgman anvil-type unit. The HPT treatment was carried out at room temperature in a custom-built computer-controlled HPT device (W. Klement GmbH, Austria). The applied pressure was 7 GPa, the deformation speed was 1 rotation per minute and the overall number of rotations was 5.
The initial microstructures of the alloys Ti-1Fe, Ti-2Fe, and Ti4Fe (before HPTdeformation) were investigated by means of optical and scanning electron microscopy (OM and SEM, respectively). For these investigations, the samples were electropolished using a LectroPol-5 polishing device and the commercial electrolyte A-3 (both from Struers, Denmark). The SEM micrographs were performed using back-scattered electrons (SEM/BSE) with a FEG-SEM LEO 1530 GEMINI (Zeiss, Germany) operating at 20 kV.
High-temperature XRD measurements were carried out in symmetrical diffraction geometry on a θ/θ-diffractometer (Bruker D8 Discover, Germany) that was equipped with a Goebel mirror, a high-temperature chamber (Anton Paar DHS 1100, Austria) and a one-dimensional detector (Bruker LynxEye, Germany). Cu-Kα radiation (λ ¼ 1.5418 Å) was used, and during the in situ HTXRD measurements, the samples were placed on an AlN heating plate inside the high-temperature chamber, which was evacuated to a pressure of approx. 2 Â 10 À3 Pa. All HTXRD measurements were performed with a constant heating rate of 2 K min À1 . The diffraction patterns were collected in the 2θ range between 32 and 42 with a step size of 0.04 and with a measuring time of 2 s per step.
Thermal analysis measurements were performed to determine the transition temperatures of the phase transformations from the highly deformed metastable state after HPT toward the equilibrium state. For these measurements, a heat-flux differential scanning calorimeter (DSC, Netzsch Pegasus 404C, Germany) was employed. The samples were placed into Pt crucibles with very thin Al 2 O 3 inlays to avoid contact between the metallic samples and the Pt crucible. Before each measurement, the system was evacuated and re-filled with high purity Ar (99.999% þ Varian cleaning system) several times in order to remove remaining oxygen. The DSC measurements were done twice between 35 and 1100 C using heating/cooling rates of 10 K min
À1
. The device was calibrated to the melting temperatures of pure elements (Ag, Au, Cu, and Sn).
Results and Discussion
The Ti-rich part of the Ti-Fe phase diagram including the T 0 -line, as shown in Figure 1 was calculated using a thermodynamic database recommended by the Scientific Group Thermodata Europe (SGTE). [26] The calculated T 0 -line is compared to the start Figure 1 . Phase diagram of the binary system Ti-Fe calculated using the database recommended from SGTE [26] including the T 0 -line (dashed line) and the experimental M s (α 0 ) points. [27] [28] [29] [30] [31] [32] The chemical compositions and the annealing temperatures of the alloys are marked by blue stars. The SEM/BSE micrographs of a) Ti-1Fe, b) Ti-2.2Fe, and c) Ti-4Fe after water quenching are shown on the right hand side of this figure. Present phases are labelled by the symbols α, α 0 , and β.
www.advancedsciencenews.com www.aem-journal.com temperatures of the martensitic transformation determined experimentally. [27] [28] [29] [30] [31] [32] As the annealing temperatures were chosen above the T 0 -line, sample Ti-1Fe was annealed within the single-phase β region, samples Ti-2.2Fe, and Ti-4Fe in the two-phase α þ β region, and sample Ti-7Fe in the two-phase α þ TiFe region according to the phase diagram ( Figure 1 ). Different initial states of the samples were investigated in order to ensure the so-called "equi-final" state inside the samples. The amount of the torsion strain, which is necessary to initiate the phase transformations in the samples (e.g., α 0 ! ω; β ! ω), strongly depends on their initial state.
However, as the torsion strain reaches a certain saturation, the phase composition of all Ti-Fe alloys was the same, irrespectively, on the initial ones. [11] Optical microscopy, scanning electron microscopy and X-ray diffraction revealed that the quenched sample Ti-1Fe contains Ti-7Fe, the β phase was found to coexist with ω after HPT. The coexistence of ω-Ti and β-Ti leads to a broad and asymmetrical intensity maximum below approx. 550 C, which extends between 38.5 and 40 2θ (Figure 2 ). In all HPTsamples, two phase transitions were observed upon heating. Between 500 and 600 C, ω-Ti transforms into the supersaturated hexagonal α 0 -martensite. The α 0 -Ti martensite possesses the same crystal structure as α-Ti, but can accommodate much more iron atoms than α-Ti, which exhibits only a negligible solubility for Fe. [23, [33] [34] [35] As α 0 -Ti may contain higher amounts of Fe than α-Ti, the lattice parameters of α 0 -Ti are smaller than the lattice parameters of α-Ti. Figure 1) , the β phase is not stable in this temperature range and the metastable high-pressure ω phase containing iron is forced to transform into α 0 -Ti. Some works showed that ω-Ti can transform perfectly to α 0 -Ti just by the presence of sufficient structural vacancies and that the vacancies can act as heterogeneous nucleation sites for α-Ti (or α 0 -Ti). [36, 37] Between 680 and 900 C, the α 0 phase decomposes into the equilibrium phases α and β. In samples Ti-1Fe and Ti-2.2Fe, the diffraction lines from α-Ti are very broad and their positions are shifted toward lower diffraction angles. As mentioned above, the higher Fe content in α 0 -Ti as compared to α-Ti leads smaller lattice parameters. Furthermore, a higher concentration of Fe in α 0 -Ti reduces the c/a ratio. [10, 17] This effect is responsible for the observed anisotropic line broadening. If the local concentration of Fe in α 0 /α-Ti varies, the line width increases with increasing diffraction index l, that is, from the diffraction line 100 α over 101 α to 002 α , not with the increasing magnitude of the diffraction vector, as it would be the case for a constant c/a ratio.
The "low-temperature" phase α-Ti is still present at very high temperatures above 950 C in the samples. These temperatures are much higher than those corresponding to the phase diagram in Figure 1 . This finding indicates slow kinetics of the phase transformation α-Ti ! β-Ti. A phenomenon possibly reducing the diffusion kinetics is the high concentration of microstructure defects produced during the HPT process. Still, it can be seen that the diffraction lines become sharper and more distinct upon heating. This indicates a reduction of the density of microstructure defects through their diffusion to the grain boundaries and annihilation, and via grain growth. Nevertheless, the kinetics of the phase transitions is very slow, which is demonstrated by the presence of α-Ti up to 1100 C and by the fact that very long heat treatment durations are needed to reach the equilibrium state (see initial state of Ti-7Fe; above).
At 1100 C, all investigated alloys should already have trans- [38, 39] and by the similarity of the atomic ordering within the almost parallel lattice planes (100) α and (1 10) β in this orientation relationship (cf. Figure 4) . The interatomic distances within the lattice plane (100) α are equal to a α-Ti (2.951 Å) and c α-Ti (4.679 Å); the interatomic distances within the lattice plane (1 10) β are a β-Ti (3.311 Å) and ffiffi ffi 2 p Â a β-Ti (4.683 Å). This corresponds to lattice misfits of 11.5 and 0.1% in the respective directions (Figure 3) . Within other lattice planes, the lattice misfit between α-Ti and β-Ti is much larger, leading to larger atomic disorder. Therefore, the most appreciable diffraction signal is produced by the lattice plane (100) α and by the almost parallel lattice plane (1 10) β , which can be treated as habitus planes defining the α-Ti/β-Ti interface. Consequently, the semicoherence of lattice planes (100) α and (1 10) β makes phase differentiation difficult. Therefore, intermediate states cannot be described as a simple phase mixture of α-Ti and β-Ti and are denoted as α/β within this article.
In the temperature range between 700 C and approx. 950 C, the α 0 phase seems to coexist with this α/β equilibrium phase mixture (see Figure 2 ). This phase coexistence can be explained by the fact that 1) the deformation state of HPT samples strongly depends on the distance from the center of the disc [3, [40] [41] [42] and that 2) the α 0 phase regions located closer to the disc center will transform to the equilibrium phase assemblage (α/β) at lower temperatures than the strongly deformed areas close to the rim of the disc. Thus, the apparent coexistence of α 0 -Ti with the α/β-Ti is a consequence of the integrative character of the X-ray measurement.
In order to separate the overlapping diffraction lines in the in situ high-temperature XRD patterns and to (semi)quantify the phase transformation process, individual diffraction lines were fit by symmetrical Pearson VII functions [43] and their integral intensities employed as a measure of the phase contents (Figure 3) .
www.advancedsciencenews.com www.aem-journal.com
The integrated intensities of the diffraction lines 100, 002, and 101 of α-Ti and α 0 -Ti were summed for each phase to improve the statistical reliability of the data and to reduce texture artefacts.
As already mentioned above, sample Ti-1Fe contains a significant amount of α 0 -Ti after the HPT treatment. The quantitative phase analysis using Rietveld refinement [44] (disordered TiFe) is stabilized by the relatively high iron content, as shown in ref. [13] and by the slow transformation kinetics as The onset temperatures shown in Figure 5 for Ti-1Fe, Ti-2.2Fe, and Ti-4Fe are associated with pronounced endothermal DSC peaks. They correspond to the decomposition of α 0 -Ti into the equilibrium phase mixture α/β, and to the transformation of the low-temperature phase α-Ti to the high-temperature phase β-Ti. In accordance with the phase diagram (Figure 1) , the endothermic peak shifts to lower temperatures when the iron concentration in the samples increases. In sample Ti-7Fe, this peak is almost missing, since this sample contains permanently β-Ti and because the kinetics of the α 0 -Ti decomposition at high iron concentrations is slow (Figure 2, 3) .
The results of the DSC measurements complement nicely the findings of in situ HTXRD. The ω-Ti phase is a high-pressure phase, which is retained as a metastable phase after the HPT process and the pressure release. [13, 45] Upon heating, the latent heat stored in ω-Ti is released, thus an exothermic effect is detected by DSC. For the decomposition of the supersaturated It should be noted that some differences in the transition temperatures measured by DSC and in situ HTXRD were detected. In contrast to the DSC measurements, the temperature measurement during in situ HTXRD was not performed exactly at the sample position, as the thermocouple was located below the AlN plate, separating the sample from the heater. Therefore, the temperatures measured during the HTXRD experiments were higher than the temperatures at the sample position. In the DSC device, a temperature calibration was performed to ensure the reliability of the determined transition temperatures. www.advancedsciencenews.com www.aem-journal.com
Conclusions

